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Mechanical properties of unidirectionally
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Comprehensive hardness measurements and limited tensile tests have been made on
eutectoid and off-eutectoid Cu—In alloys. The alloys were transformed by unidirectional
heat-treatment techniques using a range of imposed growth rates which resulted in
alignment of the pearlite microstructure and a range of interlamellar spacing. Room
temperature hardness of the as-transformed alloys was found to vary linearly as a
function of A" Y2, where A is the pearlite interlamellar spacing; the alloys were calculated
to have cooled from the decomposition temperature at rates in the range 0.047 to

18.6 Kmin™!, which could result in variations of precipitation/coarsening reactions in the
pearlitic phases contributing towards strength, as well as the lamellae interfaces. Hardness
was also measured as a function of temperature and indicated a change in strengthening
mechanism at ~550 K, thought to indicate the temperature above which no significant
strengthening was contributed by the pearlitic interfaces. Tensile failure of the lamellar
structure occurred in a manner identical to directionally aligned Al—CuAl, eutectics.

1. Introduction

During the last decade considerable interest has
been shown in the possible use of unidirectionally
solidified eutectic alloys for certain engineering
applications [1-3] . Consequently, the mechanical
properties of eutectic microstructures in a wide
range of alloys have been investigated [4, 5] . More
recently, it has also proved possible to produce
aligned eutectoid microstructures by the use of
unidirectional heat-treatment techniques, thus
broadening the range of alloys which could be con-
sidered for their unidirectional mechanical or
physical properties. The eutectoid alloys studied
so far include Cu—Al [6—8], Cu—In [7,9], Ni—In
I7, 10], Zn—Al [11], Fe—Al [12], Co-Si [7, 10,
13} and Fe—C [14-18].

Apart from the Fe—C system, quite limited
studies have so far been made of the mechanical
properties of eutectoid microstructures, and even
less of aligned microstructures. Thus, the present
paper reports comparative studies of hardness as a
function of microstructure in Cu—In alloys which
have been transformed by unidirectional heat-

treatment techniques. The most popular method
used to study mechanical property variations as
a function of microstructure is traditionally that
of tensile testing. However, the production by
unidirectional  heat-treatment  techniques of
sufficient material for tensile specimens of the
necessary quality, possibly in “bicrystal” form,
and for which the microstructure has been
carefully analysed, would require considerable
experimental time. Consequently, for strength
comparisons hardness testing techniques were
employed on small specimens which had been
fully characterized previously by optical and
electron microscopy [9]. Limited tensile tests
were carried out only to observe the two-phase
deformation and fracture behaviour as a function
of temperature.

2. Experimental procedures
2.1. Hardness measurements
Macrohardness measurements were made on
transverse sections of eutectoid Cu—31.36wt%
In, previously used to examine transformation
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velocityfinterlamellar spacing relationships [9],
with a standard Vickers hardness machine using a
load of 10kg. A minimum of five indents were
made on each specimen. Microhardness measure-
ments were also obtained with a Lietz micro-
hardness indenter, using a load of 0.3kg. One
diagonal of the microhardness indent was always
aligned parallel to the pearlite lamellae.

Hypoeutectoid Cu—30wt%In and hyper-
eutectoid Cu—323wt%In were transformed
unidirectionally at 1.6mmh™!. A description of
the unidirectional heat-treatment technique has
been given previously [9]. Transverse sections of
the aligned structures were metallographically
prepared and high-temperature microhardness tests
carried out in an apparatus designed by Gove
[19], which allowed the simultaneous heating of
specimen and indenter in an argon atmosphere.
For pearlite and proeutectoid a-phase, a load of
0.1kg was used, while for the smaller pro-
eutectoid &-phase a load of 0.025kg was
necessary. Indentation times of 15 * 0.1 sec were
employed.

2.2. Tensile tests

Hounsfield No. 11 tensile specimens were ground
from specimens of unidirectionally transformed
Cu—30wt%In alloy. Tensile testing was carried
out in air with an Instron testing machine using a

cross-head speed of 0.1 mmmin™!.

3. Results

Fig. 1 illustrates the pearlitic structure obtainable
in the Cu—In alloys, and the general alignment of
the phases by the unidirectional heat-treatment
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Figure 1 Longitudinal section of Cu—31.36In unidirec-
tionally transformed at 0.4 mmh !,
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TABLE 1 Vickers hardness of Cu—31.36 In as a function
of transformation velocity and interlamellar spacing.

Transformation Minimum Average Vickers
velocity interlamellar interlamellar hardness
(mmh™ ') spacing, spacing, (V.P.N.)
AviN (um)  Apv (um)
0.2 2.82 3.25 3286
0.27 1.68 2.00 319+ 16
0.4 1.03 1.46 317+ 13
1.2 0.790 1.17 33311
1.6 0.650 0.790 343 £ 12
32 0.364 0.470 3639
5.0 0.340 0.440 3559
20.0 0.246 0.350 380+ 14
60.0 0.170 0.220 415: 16
80.0 0.117 0.138 409 = 12

TABLE II Vickers microhardness measurements on
Cu~-31.36 In.

Transfor- Vickers microhardness Average  Vickers

mation (V.P.N.) vickers macro-

velocity micro- hardness

(mmh™!) Parallel to Normal to harndess (V.P.N.)
lamellae  lamellae (V.P.N)

0.27 356+ 5 3027 329+6 319 £ 16

1.6 377+22 2959 336 + 15 343 :12

technique. The results of Vickers microhardness
measurements as a function of transformation
velocity for the Cu—-31.36wt%In alloy are pre-
sented in Table I, also tabulated are the inter-
lamellar spacing measurements previously made on
the specimens by both optical and electron micro-
scopy techniques [9].

The results of Vickers microhardness measure-
ments as a function of two transformation
velocities are given in Table II. An example of the
microhardness indents obtained is shown in
Fig. 2a, and it can be seen that the two diagonal
lengths are not the same, depending on whether
the diagonal is parallel or normal to the pearlite
lamellae. This difference in diagonal lengths is
reflected in the measurements given in Table II,
which show that the hardness in a direction
parallel to the lamellae averages approximately
23% higher than in a direction normal to the
lamellae. However, the hardness calculated from
the average diagonal lengths is also given in
Table II and is seen to be approximately equal to
the value found for the randomly oriented macro-
hardness measurements.

Fig. 2b illustrates a hardness indent after
further polishing of the surface. The lamellae are



Figure 2 Microhardness indents on transverse sections of Cu—31.36 In (a) unidirectionally transformed at 0.27 mmh™*,
and (b) unidirectionally transformed at 0.4 mmh™! and polished after indenting.

TABLE III Vickers microhardness as a function of
temperature for o-phase, §-phase and pearlite unidirec-
tionally heat treated at 1.6 mmh™'.

Temperature Vickers Hardness (V.P.N.)
(K) @ 5 Pearlite
298 102+ 4 430 50 332+ 14
373 100 + 4 410 + 40 324+ 15
473 97+ 8 398 + 20 296 + 26
573 84 + 4 354 + 12 226 + 8
673 735 156 £ 5 97+ 8
773 364 42+ 3

observed to have bent around the indenter, and
some cracking of the §-phase can also be detected.

The microhardness of the constituent phases in
the hypo-and hyper-eutectoid Cu—In alloys as a
function of temperature are given in Table III. The
hardness for the §-phase was obtained using a load

of 0.025kg, but to enable comparison has been
corrected to the value expected for a load of
0.10kg as was used for the a-phase and the
pearlite. At 773K the hardness of the §-phase
could not be determined as the indent size was
approximately the same width as that of the
§-phase. Fig. 3 illustrates typical indents in the
proeutectoid - and §-phase, and in the pearlite.
It can also be seen from Fig. 3a that continuous
precipitation has occurred in the proeutectoid
a-phase. In some cases this precipitation also
appeared to have occurred by a discontinuous
reaction.

Typical tensile stress—strain curves exhibited by
the unidirectionally heat-treated Cu—30wt%In
containing approximately 10% proeutectoid
a-phase, are shown in Fig. 4. At 293K failure
occurred in an apparently brittle manner before

Figure 3 Room-temperature microhardness indents in (a) proeutectoid a-phase in Cu—30In, and (b) proeutectoid

&-phase in Cu—32.3In.
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Figure 4 Nominal stress-strain curves at 293K and 658K
for unidirectionally transformed Cu—301In.

any deviation from linearity in the stress—strain
curve was detected, while at 658K extensive
plastic deformation occurred. The appearance of
specimens fractured at 293 and 658K, respec-
tively, is shown in Fig. 5, and illustrates the change
from brittle to ductile failure. The macroscopic
fracture surface can also be observed to change
from transverse at 293K to approximately 45° at
658K.

The microscopic appearance of the fracture
surface obtained at 293K shows parallel ridges
(Fig. 6a). A longitudinal section of the fractured
specimen is shown in Fig. 6b and illustrates
cracking of the §-phase ahead of a secondary
crack beneath the main fracture. Mid-plane
cleavage of the &-phase was also occasionally
observed. This secondary cracking occurred only
beneath the main fracture and not elsewhere in the
gauge length. It can be seen that the width of the
parallel ridges on the fracture surface is com-
parable to the interlamellar spacing. The failure
mechanism at 293K thus appears to be caused
predominantly by transverse brittle cleavage of the
&-phase, followed by failure of the copper-rich
a-phase which is drawn out by ductile shear to
result in the ridged profile of the fracture surface.

At 658K the fracture surface appeared more
ductile, but still showed some parallel ridges,
which although of a separation not comparable to
the interlamellar spacing may still be related to the
lamellar microstructure (Fig. 7a). Longitudinal
sections showed deformation of the lamellae
(Fig. 7b), and also revealed voids nucleated at the
interfaces of the proeutectoid a-phase as well as
apparently in the pearlite matrix.

4. Discussion

Table T shows that hardness increases as transfor-
mation velocity increases and interlamellar spacing
decreases. The practice has arisen in recent years
of attempting to relate mechanical property data

Figure 5 Macroscopic appearance of fracture of unidirectionally transformed Cu—30In tested at (a) 293K, and (b)

658K.
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Figure 6 Unidirectionally transformed Cu—301In tested at 293K showing (a) fracture surface, and (b) longitudinal

section close to the fracture face.

obtained from eutectic alloys to a measurable
microstructural feature, the most obvious being
the interlamellar spacing. Often a Hall-Petch
relationship has been shown, but this method of
interpretation has been criticised on the grounds
that a significant contribution to strengthening
may not be directly related to the interlamellar
spacing [5, 20}. Furthermore, the dislocation
mechanism implicit in deriving the Hall-Petch
equation, that is, the transmission of stress
through structural boundaries by dislocation pile-
ups at the boundaries, is not necessarily applicable
to the case of a lamellar eutectic/eutectoid micro-
structure. Other yielding mechanisms, for
example, dislocation generation at lamellar faults,
are more likely and need not be related to the
interlamellar spacing [5, 20].

However, for comparative purposes in a single
system, there is some advantage in finding a simple
mathematical relationship between a measured

N

mechanical property and a microstructural feature
which is altered by variation in heat-treatment
temperature, or in the present case by transfor-
mation velocity, and which is known to change
significantly the measured property. Conse-
quently, the hardness data in Table I were plotted
as a function of A}, X"¥% \"V3 and X (Fig. 8), all
of which have been used in other investigations
[21—29]. Linear regression analysis of all the data
points for both the minimum and average inter-
lamellar spacing versus hardness results identified
the best fit from a V.P.N. versus A"V relationship.
Fig. 8 also shows that all the relationships
tested, with the possible exception of V.P.N.
versus A, yielded straight lines in the region of
higher A values. A X"V relationship has frequently
been obtained for both yield strengths and hard-
ness data in lamellar microstructures. It is thus
likely that simple hardness measurements can be
used to reflect accurately the changes to be

-t
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Figure 7 Unidirectionally transformed Cu—30In tested at 658K showing (a) fracture surface, and (b) longitudinal
section close to the fracture face.
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expected in other mechanical properties, e.g.
yield stress, as a function of microstructure, a view
which is becoming more widely accepted [5, 30}.
It has recently been argued [5, 20] that much
of the mechanical property measurements made
on unidirectionally solidified eutectics reflect not
only the variation in interlamellar spacing, but also
other changes caused by variations in thermal
history of the phases brought about by specimen
cooling rates from the solidification temperature,
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which alter as a function of the growth velocity.
These include thermal stresses, dislocation den-
sities, solute supersaturations and precipitation.
The specimen cooling rate, R, in a unidirec-
tional heat-treatment experiment can be estimated

from the relationship
R =GV €5

where G is the temperature gradient and V the
specimen velocity (this assumes that the specimen



velocity is equivalent to the growth velocity). Thus
in the present work where Cu—In eutectoid was
unidirectionally transformed at velocities in the
range 0.2 to 80mmh™' under a temperature
gradient of approximately 14 Kmm™?, the speci-
men cooling rates are estimated from Equation 1
to be in the range 0.047 to 18.6 Kmin™!. From
this analysis we may conclude that the cooling
rates experienced by Cu—In eutectoid specimens
during unidirectional heat-treatment range from
very slow cooling to intermediate cooling rates and
are very much slower than the customary quench
rates of conventional heat treatment (e.g. 600K
min~! described as a slow quench by Davies and
Hellawell [22]). Consequently, it is more likely
that this range of cooling rates will influence pre-
cipitation and/or coarsening reactions rather than
lead to quenched-in non-equilibrium conditions
such as high solute supersaturations. Thus the
question becomes not one of whether the cooling
rate is sufficiently slow to relieve solute super-
saturation, but how it influences the precipitation
and/or coarsening reactions which occur. It is
therefore interesting that some evidence of pre-
cipitation during continuous cooling from the
unidirectional transformation temperature was
observed in the present study, although this
occurred in the pro-eutectoid a-phase as shown in
Fig. 3a. Both continuous and discontinuous pre-
cipitation in Cu supersaturated with In have been
considered previously by several investigators
[31—-34], and it has been shown [33] that con-
tinuous precipitation on a fine scale (not
resolvable optically) can give rise to marked in-
creases in hardness of the a-phase, the value of
hardness depending on both the ageing tem-
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perature and time. Consequently, although the
empirical relationship found between hardness and
interlamellar spacing for the Cu—In eutectoid in
the as-transformed state corresponds to the Hall—
Petch relationship, the true dependence of
hardness on interlamellar spacing could well be
masked by age-hardening or coarsening effects,
implying that the Hall-Petch strengthening
mechanism need not necessarily be operative in
this system.

The microhardness results showed that the
hardness in a direction parallel to the pearlite
lamellae was greater than in a direction normal to
the lamellae. This anisotropy is consistent with a
previous study of the Al-CuAl, lamellar eutectic
[25], where the yield stress parallel to the lamellae
was found to be higher than normal to the
lamellae. In the present work it is shown that the
lamellae bend to accommodate the deformation of
the indenter in the normal direction. In the
parallel direction, however, it is likely that more of
the load is transferred by interface shear stresses to
the stronger &-phase, which is protected from
plastic failure or fracture by the constraint of the
softer a-phase and a strong interfacial bond. This
behaviour indicates the possible benefits to be
obtained from the mechanical strength of aligned
eutectoid microstructures, which may therefore
prove worthy of further study.

It has been shown that the temperature de-
pendence of hardness( H) is well represented by an
empirical function of the form

H = 487 2)

where A and B are constants and T is the testing
temperature [35]. Fig. 9a shows the results of
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Figure 9 Microhardness as a function of temperature; (a) hardness of a-phase, 5-phase and pearlite, and (b) experi-

mental (Hoyp) and calculated (Hp) hardnesses of peartite.
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plotting log V.P.N. versus T. For the a + & pearlite
the experimental points are observed to fall on
two straight lines which intersect at 553 K. For the
a- and §-phases the experimental points lie on
straight lines at low temperatures, whilst the two
points corresponding to the measured hardnesses
at the highest testing temperature deviate from the
straight lines suggesting that these two phases
behave in a similar manner to that of the a+ 8
pearlite phase. A change in slope has been
observed to occur in other materials, and gives
different values of the constants 4 and B in
Equation 2, one set at low temperatures and
another set at high temperatures [35]. This is
generally taken to imply that different strength-
ening mechanisms are operative in these tem-
perature ranges.

The interlamellar spacing/hardness relationships
and the observation of the specimens deformed in
tension give some confirmation of this hypothesis.
At 293K the hardness increased with decreasing
interlamellar spacing, and metallographic obser-
vations showed the pearlite behaving essentially
as a ductile—brittle composite with only limited
deformation of the brittle §-phase possible before
it cleaved and initiated final failure. Thus, at low
temperatures the pearlite interfaces would appear
to be strengthening the structure.

At higher temperatures, in the absence of inter-
lamellar spacing/hardness data, some predictions
about behaviour can be made by applying the Law
of Mixtures in the form:

Hp = HaVa +H5 V5 (3)
where H,,, H, and Hg are the hardnesses of the
pearlite, a- and &-phases, respectively, and V, and
Vs the volume fractions of these phases obtained
from the phase diagram. Fig. 9b shows the cal-
culated values, H,, and the experimentally deter-
mined pearlite hardness, H.yp, plotted as a
function of temperature. At temperatures below
about 550K H,,, values are greater than H,,, while
at higher temperatures the reverse is true. The
experimental errors in measurement of the
hardness of the pro-eutectoid a- and §-phases make
the experimental error in H, too large to say
exactly how H, — H.y, varies with temperature
up to 550K, although it appears to be decreasing
as the temperature increases. This trend implies
that the strengthening effect of the pearlite inter-
faces is reduced at elevated temperatures. This
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would correspond to the gradient in the H versus
A2 plot decreasing with temperature, a result
which has been found for the NiAl--Cr fibrous
eutectic [36]. Tensile testing at 658K showed
extensive deformation of the pearlite suggesting
continuous deformation without a significant
strengthening effect of the interfaces.

The fractography of the Cu—In alloy at room
temperature is very similar to that reported
previously for unidirectionally grown eutectics, for
example, Al—CuAl, [37]. At 293K the Cu-In
alloy appears to behave in a manner analogous to a
conventional fibre-reinforced material, with no
plastic instability and the fracture surface perpen-
dicular to the tensile axis. No change in slope of
the stress—strain curve could be detected which
would indicate a change from a primary modulus
to a secondary modulus for a conventional fibre
composite, but as the strain was measured from
the cross-head movement any small deviations
from linearity would be obscured by the machine
compliance [38]. Failure is caused by the initial
cracks in the brittle §-phase linking together by
shear in the ductile a-phase.

At 658K both phases appear ductile and with-
out the constraint of a reinforcing phase the
stress—strain curve shows plastic instability with
extensive necking leading to final shear failure.
The exact nature of failure was not definitely
established although from the presence and dis-
tribution of voids it is suspected that it takes place
by the coalescence of voids formed at interphase
boundaries.

5. Conclusions

(1) Significant hardness increases are achieved
in unidirectionally heat-treated Cu—In eutectoids
by the use of faster growth velocities which result
in finer interlamellar spacing.

(2) The variation of hardness in the as-trans-
formed eutectoid structures is best represented as
being proportional A2,

(3) The directionally transformed structure was
cooled from the transformation temperature at
rates in the range 0.047 to 18.6Kmin™!. These
slow cooling rates could affect the strengthening
mechanism by their influence on the extent of
precipitation and/or coarsening in the super-
saturated eutectoid phases.

(4) Anisotropy of hardness was found in the
lamellar eutectoid structure, which is consistent
with the anisotropy in properties found in lamellar



eutectics and indicative of useful unidirectional
mechanical properties.

(5) Hot microhardness tests indicate different
strengthening mechanisms above and below 550K,
probably refated to the reduced strengthening
effect of the pearlite interfaces at elevated tem-
peratures.

(6) Tensile tests show that the room tem-
perature deformation is limited by the ductile-
brittle nature of the eutectoid composite but that
at high temperatures the lamellar structure de-
forms as a continuum.

(7) The failure mechanism at room temperature
is controlled by the linking-up of fractured
§-lamellae, while at high temperatures a void
coalescence mechanism is thought to be appli-
cable.
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